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Abstract

Development of fusion power will require a fracture toughness database, derived largely from small specimen tests,
closely integrated with methods to assess first wall and blanket structural integrities. A master curve-shift (MC-AT)
method has been proposed as an engineering expedient to treat the effects of structural geometry, irradiation, loading
rates and safety margins. However, a number of issues related to the MC-AT method remain to be resolved, including
the universality of MC shapes. A new micromechanical model of fracture toughness in the cleavage transition regime is
proposed that combines analytical representations of finite element analysis simulations of crack-tip stress fields with a
local critical stress-critical stressed area (o*—4*) fracture criterion. This model, has been successful in predicting ge-
ometry effects, as well as high loading rate and irradiation hardening-induced Charpy shifts. By incorporating a modest
temperature dependence in ¢*(7), an inconsistency between model predictions and an observed universal-type MC
shape is resolved. © 2000 Elsevier Science B.V. All rights reserved.

1. Introduction — the master curve-shift method

Design and operation of defect tolerant fusion
structures will require a fracture toughness database and
methods to apply this information in integrity assess-
ment [1]. We define fracture toughness as the property,
or properties, that specify the fracture load (P;) and
displacement (Ar) which cause an extension of a sharp
Mode I fatigue crack. The actual P — A experienced by a
structure must maintain a safe margin, including under
start-up/shut-down and off-normal transient conditions.
Engineering designs also usually demand some degree of
plastic ductility prior to failure.

The Pr — Ar depend on extrinsic factors such as
temperature (7), loading rate (P') and the size and ge-
ometry of the cracked body. Intrinsic fracture toughness
of a material is governed by its type, crystal structure
and microstructure, starting in the as-fabricated state,
and evolving in-service, due to factors such as exposure
to neutrons (¢f). Typically, in-service conditions de-
grade toughness. Fracture toughness generally cannot
be described by a single material property [1]. However,
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we will use the concept of an effective toughness (K.),
which can be measured in laboratory-scale tests (pre-
dominantly using small specimens), and applied to es-
timate the P; — A¢ for complex structures.

Fig. 1 illustrates the effects of size and geometry on 3-
D finite element calculations (using ABAQUS) of P vs A
curves for a three-point bending geometry with a crack
depth (@) and span (S)-to-width (W) ratios of a/W = 0.5
and S/W = 4 for various W and thickness (B) values.In
all cases the curves are terminated when the elasto-
plastic loading (Kj) averaged across the crack front
reaches 100 MPa /m (Pjgo,A1o). The P and A are
normalized by the nominal plane strain limit load (Py)
and the A at the Py (AL), respectively. In the case of the
B/W =5, W=2 mm panel (solid line), lateral plane
strain constraint is maintained with gross yielding at
P =~ P owing to the large B. The A, is large (high
ductility), due to the small b (= W — a). Loss of in-plane
constraint in this case would result in an even larger A at
fracture of a material with a small-scale yielding
toughness of 100 MPa /m. In stark contrast, the filled
circle marks the K; =100 MPa /m point in the fully
elastic, brittle fracture regime (Pyoo < P, Ajgo < Ar) for
a plate with B/W =5, W=140 mm. In the case of a
typical specimen geometry, with B/W = 0.5 and W =10
mm (dashed line), K; =100 MPa +/m is reached after a
small amount of plastic deformation; yielding starts at
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Fig. 1. Normalized load—displacement curves for different
cracked body geometry for a common K. = 100 MPa /m.

P < P indicating some loss of lateral constraint. These
results illustrate that a thin fusion structure may be ef-
fectively ductile even when a heavy-section pressure
vessel structure, with the same material toughness, is
extremely brittle.

A MC-AT method has been proposed as a possible
practical approach to deal with the enormous amount of
information that is needed to characterize and apply
toughness [2]. While significantly different in detail and
philosophy, this method extends from the revolutionary
MC technology developed for treating cleavage fracture
in the transition for applications to reactor pressure
vessels (RPV) and other large thick-walled structures [3].
The MC-AT method assumes a universal toughness
K (T — Ty) curve shape can be placed (indexed) on an
absolute temperature (7) scale by a reference tempera-
ture (7o) at a reference toughness (e.g., 100 MPa /m).
Typically, T, would be determined by standard Kj.
measurements on an unirradiated alloy. The T is then
adjusted (7,,) by a set of temperature shifts (AT) that
account for the effects of loading rate (P'), irradiation
(¢1), size and geometry factors (g), and a safety margin
(m) Toa = Ty + ATp + ATy, + AT, + AT, [2].

The MC-AT method is illustrated in Fig. 2. The static
MC deep crack shape is shown as the dashed line plotted
on a T — T, scale. The solid line is the corresponding
reference (unirradiated) MC placed on an absolute tem-
perature scale, at Ty = —50°C at Kj. =100 MPa /m, by
the six tests shown as filled circles. A net shift of 200°C,
arising from irradiation (AT, = 150°C), dynamic load-
ing (ATp = 50°C), a thin-walled, shallow crack geometry
(AT, =-40) and a margin (AT, =40°C), places the ab-
solute MC, used for structural evaluations, at 7T,, =
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Fig. 2. Illustration of the MC-AT method.

150°C, shown as the dotted line. Ideally, there would be
only a single MC shape applicable to all conditions.
While, in practice this is not the case, a small family of
MC shapes may be sufficient for most practical applica-
tions [2].
The enormous benefit of the MC-AT approach is
that:
e The K.(7) curves can be established with a relatively
small number of tests on relatively small specimens.
¢ Independently established shifts and a small set of
MC shapes account for the effects of other key vari-
ables.

Open questions about the MC-AT method include:

o [s there a universal MC shape, or small set of shapes,
and if so why?

e Is the total shift equal to the sum of the various A75s?

e How should the large inherent statistical scatter in the
transition be treated?

e How should explicit effects of size and geometry, in
both testing and structural applications, be treated?

e How can T and the ATs be modeled, both as a basis
for improved alloys and to characterize effects of irra-
diation, including helium?

These issues can only be resolved by a good physical

understanding of the underlying fracture mechanisms

and mechanics. This study will focus on the issue of a

universal MC shape.

2. A macro—micromechanics model of cleavage intitiation
in the transition

It is generally accepted that cleavage fracture in-
volves stress-controlled fracture of brittle ‘trigger’ par-
ticles (i.e., large grain boundary carbides) and
subsequent dynamic microcleavage crack propagation
into the tougher metal matrix [1,2,4]. These microfrac-
ture events require high local tensile (g,,) stresses (of the
order of 2000 MPa), far in excess of the uniaxial yield
stress (ay), that occur in the concentrated tri-axial stress—
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strain fields near a blunting macroscopic crack tip.
Models of cleavage toughness combine simulations of
the crack-tip stress fields with local micromechanical
models of the field conditions required to initiate
cleavage. For small-scale yielding (SSY), the fields are
spatially self-similar functions of the angle from the
crack plane and the distance from the crack tip (r)
normalized by the crack-tip opening displacement (J).
Hence, 02,(r/0)/0ay is independent of K; and geometry
[1]. The fields depend on strain hardening, typically
represented by a power-law exponent (n), and, weakly,
on gy/E, where E is the elastic modulus. The crack-tip
fields can be computed using a finite element analysis
(FEA) code for any specified constitutive law and
geometry [2,5-7].

A number of micromechanical models have been
used to describe the critical local stress field condition
for cleavage, beginning with a critical-stress (¢*) critical-
distance (1*) criterion proposed by Ritchie et al. (RKR)
[4]. For SSY, the oy, is constant at a given »/0. Thus as 0
increases, r at gy = ¢* increases. At r(¢*) = 2", =y
and cleavage occurs. The 0y is related to toughness as
Ky = (mélcayE’)l/2, where m (222) which depends on the
geometry and the constitutive law, and can be computed
using the FEA simulations [1,5]. An extension of the
RKR model assumes cleavage occurs when a ¢* contour
envelops a critical area (4*) in front of the crack [2,5-7].
Other progenies of the RKR model are based on the
weakest link statistics and critically stressed volume
criteria [8—12]. Within this model framework, the ¢*-A4*
are the basic local fracture properties that can be used
along with the constitutive law, stress as a function of
strain ¢(¢), to compute Kj. for SSY; and, more gener-
ally, K. for conditions that do not involve SSY con-
straint (e.g., small specimens, shallow and/or surface
cracks).

The o¢* is the tensile stress needed to propagate a
dynamic microcrack from a broken trigger particle and
is usually given by a Griffith-type criteria [13,14]

¢ = Clmeicro/ V dtp7 (1)

where Ci, is a geometric constant, Kyicro the microarrest
toughness of the metal matrix and d, is a characteristic
dimension of the trigger particle. The critical area, 4*, is
also mediated by the microstructure and by the necessity
that the ¢* contour envelop a sufficient population of
potential trigger particles. The c*~A4* represent a mean
Kj., which is inherently scattered in the transition. Sta-
tistically, the probability of fracture increases from very
low values at 4 < A4* to unity as 4 > 4*. Based primarily
on blunt notch tests and the coarse-scale (um) of the
trigger particle microstructures, a typical assumption
has been that o*~A4* are independent of temperature,
strain rate and, in many cases, irradiation exposure
[2,7,8,13-15].

As proposed by Nevalainen and Dodds [5], for SSY
the self-similar stress fields can be analytically repre-
sented in terms of the stressed area (A4) within a specified
normalized stress contour (R = 62, /0y):

4 =10 (K /a,]*. (2a)

The ABAQUS FEA code was used to compute the P(R)
function based on a specified constitutive law for a
three-point bend geometry with a/W = 0.5. The 2-D
half symmetry mesh was composed of 4368 four-node
plane strain bilinear elements with 4519 nodes. The mesh
was highly refined near the crack tip and the smallest
elements were less than one tenth of the initial radius of
0.002a. A report on the detailed procedures and catalog
of results is under preparation. However, the most sa-
lient result is that the FEA computations can be repre-
sented by a simple polynomial,

P=Cy+ CiR + GR%. (2b)

The C; are fitted to the detailed computational results.
Thus from Eq. (2a),

Kie = oy 471077, (2¢)

where P* = P(R* = ¢*/ay). By substituting appropriate
values of ¢* and ¢, (T) (thus defining R*, hence, P*) and
A* in Egs. (2b) and (2¢), Kj.(T) can be directly com-
puted. This deterministic relation is strictly valid only in
a temperature range where o0y ma.x = 0; nominally
cleavage cannot occur above this temperature, giving
way to ductile fracture. However, the Kj. can be ex-
trapolated to somewhat higher values, since o*~4* ac-
tually has a statistical range of values that can be
described by a ¢*(4*) function, with decreasing ¢* with
increasing A*. Statistical variations in ¢*—A4* also result
in large Kj. scatter in the transition.

The 6*-A4* model is oversimplified for a number of
other reasons. For example, macrocleavage is often pre-
ceded by the formation and arrest of a distributed pop-
ulation of facet-sized microcleavage cracks [2,6]. In this
case, macroscopic fracture (or, in extreme cases, the so-
called quasi-cleavage) results from the coalescence and
instability of the damage in the process zone region [6].
Further, values of ferrite microcrack arrest toughness
(Kmicro) estimated from ¢* and d, are typically 3-10 or
more times than that predicted by the Griffith theory for
brittle fracture (e.g., >2.5 vs 0.9 MPa /m for a nominal
surface energy of 2 J/m?) [13, 14]. Nevertheless the ¢*—A4*
models have been highly successful in rationalizing a
number of experimental observations, including:

e The general shape of the Kj.(7) curve at low T; [2,6].
e Temperature shifts in Charpy energy-temperature
curves [18] and, up to some point, Kj;.(7) curves

[2,15], due to oy increases arising from both high

strain (loading) rates and irradiation.
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e Size and geometry mediated increases in K, > K aris-
ing from the loss of SSY constraint (g2, < 075y) asso-
ciated with lower notch acuity, shallow cracks (and
the presence of so-called T-fields) or large-scale plas-
ticity [2,5-7].

As noted previously, the constraint effects associated

with deviations from SSY can also be evaluated using

large deformation FEA simulations [2,5-7]. This re-
quires determining the K./Kj. (> 1) required to produce
the same stressed area 4 for a given ¢*. The K./Kj.
is a function of R*, the constitutive law, the cracked
body geometry and the deformation level (D=

K2/(W — a)Eay). The results are from 3-D ABAQUS

FEA simulations of three-point bend specimens with

a/W = 0.5. The one-quarter symmetry mesh was com-

posed of 2480 20-node quadratic brick elements with

11889 nodes. Wedge-shaped nodes were used at the

crack tip to efficiently model blunting. The results are

for a strain-hardening exponent of n=0.1 (see Eq. (4)).

The A and Kj were averaged across the crack front. A

report on the detailed procedures and catalog of results

is also under preparation. Once again, however, the
most salient result is that these FEA computations can
also be analytically fit with simple polynomial expres-

sions in the form [5]

,11/2
Ke/Kse = [Coo + CaR" + CaR”] (3a)

where the C.; coefficients depend on D as
Coi = Cro + CuD + CrpD*. (3b)

While they are very simple in form, Egs. (2a)—-(2c)
and (3a) and (3b) represent a comprehensive physical
model of effective fracture toughness in the transition
region. This model can, in principle, account for all key
factors that control the critical P; — A; cleavage condi-
tions for a cracked body (test specimen or structure)
including:

e The basic material constitutive  behavior,
a(e, &, T, ¢pt), and local fracture properties, o*—A4*, as
a function of strain rates (¢' or P’), temperature and
microstructure.

e The size and geometry of the cracked body.

e Other effects not discussed here such as inherent sta-
tistical scatter and associated bounding limits and
weakest link statistical geometry effects associated
with the crack front length.

Fig. 3(a) shows the predicted Kj.(T) shape (solid line)

from Eq. (2a)-(2c) for: (a) a Ramberg-Osgood constit-

utive law, given in Eq. (4), with ¢, = ¢&; (b) a strain
hardening exponent (n) of 0.1 and ¢,(7) from a poly-
nomial fit to RPV steel data; (c) 4* =10~® m? and
¢* = 2080 MPa. The prediction is compared to the RPV
steel MC with a T, at 100 MPa /m of about —45°C
(dashed line). The corresponding K.(7), curve for a
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Fig. 3. (a) Kjc/e(T) curves computed from Egs. (2a)—(2c) and
(3a) and (3b) for SSY and a subsized specimen geometry; (b) the
corresponding predicted K)c(7T) for Ag, =200 MPa for a con-
stant ¢* = 2080 MPa.

small 3.3 x 3.3 x 16.6 mm?® 1/3-sized bend specimen,
tested well beyond the SSY limit, is shown as the other
solid line shifted to lower temperatures by about —40°C.
This smaller specimen K.(7) also compares favorably to
the RPV MC shape with Tj shifted to about —85°C (also
shown as a dashed line).

In spite of its general success, the 0*~4* model does
not explain why the Kj.(7) curves for different steels,
with a wide range of microstructures, strength levels and
To, appear to have a similar MC-type shape. In partic-
ular, the constant ¢*—4* model predicts a significant
reduction in the slope of the Kj.(7) curves in the tran-
sition at high 7,. Such reductions have not been
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generally observed, including cases with high 7j caused
by irradiation hardening. The layover in the K.(7) curve
due to hardening is illustrated by the dashed line in
Fig. 3(b), where the nominal ¢,(7T) has been replaced by
oy(T) + 200 MPa. The layover is simply a consequence
of the decreasing temperature dependence of g, (and
flow stress) with increasing temperature. Thus we must
seek a fundamental explanation for the relative insensi-
tivity of the toughness-temperature curve shape.

Perhaps the most general and fundamental explana-
tion is that ¢* increases with temperature due to a cor-
responding increase in the intrinsic Ko (Eq. (1)) of the
metal matrix.

3. A 6*—-A" K;.(T) model and microarrest toughness

As noted above, o*—A4* are usually assumed to be
independent of temperature and strain rate as well as the
fine scale features that have an important effect on the
constitutive properties. Since A* primarily depends on
the coarse-scale trigger particle microstructure, it is
reasonable to assume that it is constant within the
framework of RKR-type models. Information on ¢*
come from blunt notch tests, where the high stress field
sampling volume is sufficiently large so that cleavage is
controlled by the peak tensile stress. Most data show
constant ¢*, or small decreases or increases with in-
creasing temperature [13,14,16-18].

A corollary to a constant ¢* is that the inherent metal
matrix Ky 1S also temperature independent. Clearly,
at sufficiently high temperatures, above an intrinsic fer-
rite brittle-to-ductile transition (BDT), this is not the
case. Significant fundamental research has been devoted
to the BDT, spawning a number of different models and
concepts [19-22]. The BDT criterion has usually been
posed as conditions that allow an atomically sharp crack
to extend by brittle cleavage when the fields at its tip
exceed the cohesive atomic bonding strength of the
material prior to the emission of a dislocation. However,
dislocation emission blunts the microcrack and locally
lowers (shields) the crack tip stress fields. Thus if a dis-
location is emitted, the fracture is deemed to be ductile.
In recent years, this so-called Rice-Thompson [19] cri-
terion has been extended to reflect more realistic physics,
including allowing the possibility of cleavage after sig-
nificant dislocation emission and nano-blunting [20-22].
Multiple dislocation emission and nano-blunting gen-
erally occur, resulting in an evolving dislocation struc-
ture in the vicinity of the microcrack tip. This structure
locally strengthens the material, reducing subsequent
dislocation emission rates and velocities. The dynamic
evolution results in microcrack extension by the deco-
hesion-cleavage mechanism if the dislocation structure
ultimately prevents subsequent local plastic deformation
and further nano-blunting. The corresponding Ko 1S

sensitive to the dislocation mobility, hence, to temper-
ature and strain rates. Mobility is primarily controlled
by the thermally activated lattice Peierl’s stress. Rather
than an abrupt BDT, Ky, increases gradually with
temperature.

Detailed multi-scale modeling studies and funda-
mental experiments are underway to refine and quantify
the Ko models. However, a further discussion of this
topic is beyond the scope of this study. Rather, Eq. (2a)—
(2¢) is used to derive a ¢*(7) that provides: (a) an MC
shape over a wide range of Tp; and (b) observed K.(7)
curve temperature shifts (A7y,) as a function of irradia-
tion hardening, Ao,. We again assume a simple power-
law uniaxial stress—strain model with »=0.1, modified
to allow for a no-strain hardening regime at low strains
(ey < & < ¢,) observed following irradiation.

e=¢g0/0y, &<gy,

o=o0y, & <e<g,

(e —2y)/ey = (”/“y)l/n: &> &,

oy = Eey, 0,/E =0.0035.

Requiring adherence to universal MC shapes and
the observed ATy, versus Aoy relations, places significant
constraints on fitting ¢*(7)-A*. The 4* was primarily
fit to the lower shelf toughness. Piecewise linear seg-
ments were used to provide an iterative ‘eyeball’ fit for
a*(T).

The results of this exercise are shown in Fig. 4 for
A* = 10% m2. Fig. 4(a) shows the fitted ¢*(T) (divided
by 20 for purposes of scaling) as the thick, longer dashed
line; the unirradiated ¢,(7) curve (divided by 5.7) is
shown as the thick, shorter dashed line. The solid lines in
Fig. 4(a) are the Kj.(7T) curves predicted by Egs. (2a)—
(2¢) for oy, (MPa) and ¢;, respectively, of: 0 and 0, 100
and 0.005, 200 and 0.01 and 300 and 0.02. The thinner,
dashed lines are RPV MCs indexed at the same 100 MPa
v/m-temperature as the model predictions. Fig. 4(b)
compares the corresponding predicted ATy, versus Ag,
relation (dashed line) with experimental data compiled
by Sokolov [23] and the least squares fit to this data
(solid line).

4. Discussion

The predicted K).(7) shapes are not in exact agree-
ment with the MC shape. However, the overall consis-
tency between o*-A* model predictions and observed
MC-type behavior is very encouraging. Note, even the
modest layover of Kj.(7) at higher Aoy is qualitatively
consistent with the data evaluation of Sokolov [23].
However, this consistency neither demonstrates the
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validity of the fitted ¢*(7T), nor illuminates the underly-
ing source of such behavior.

Support for the hypothesis that the propagation of
microcracks from trigger particles is related to the effect
of dislocation mobility on K, is shown in Fig. 5(a),
comparing ¢*(7) and the dynamic yield stress oyq(T).
The g4, rather than the static gy, is used since the strain
rates at the dynamic crack tip are very high. Specifically,
we assume that the crack tip strain rate (&) is 10® higher
than for static conditions (&) [24]. The ayq is given by o,
at a lower temperature (7’ in K) by

Uyd(T7 F::l) = O'y(T/» 8;)7 (Sa)
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Fig. 5. (a) Comparison of ¢*(T) and ay4(T); (b) comparison of
*(T) (converted to a K,-(T)) with K,-(T) and Kmicero(K) data
from the literature.

where
T'=T[1-S"In(g/s)]. (5b)

Empirical fits for a variety of steels give S ~ 0.03 [25]. In
the regime labeled 1, the yield stress is dominated by the
lattice Peierls stress, and ¢* is approximately constant.
In regime 2 there is a second weaker thermally activated
component of oy, perhaps associated with interstitial
solutes and dislocation interactions. However, the local
Peierls contribution is small and ¢* slowly increases.
Fig. 5(b) compares the fitted ¢*(7) to recent data in
the literature on ¢*(7') estimates from blunt notch tests
on RPV steels [16]. The RPV steel ¢* data trend (heavy
dashed line) is scaled to a corresponding microtoughness
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(K,+) using K« = ¢* (aﬁp)l/2 (see Eq. (1)) and a nominal
trigger particle dimension of dy, = 1 pm. Note, while this
scaling gives only a very rough estimate of the magni-
tude of microtoughness, the temperature dependence of
K, is of primary interest. In order to account for the
dynamic strain rates, the K,- curves are plotted on the 7"
temperature scale. The blunt notch K, for RPV steels
increases with temperature at a rate of about 2/3 of that
for the fitted ¢*(7') found in this work (heavy solid line).

Fig. 5(b) also plots data on the fracture toughness of
oriented single crystal iron and tungsten (Kpgew). The
symbols are measurements reported by Gumbsh for
single crystal tungsten with different crack plane/front
orientations [26]. The orientation shown by the open
diamond symbols has been scaled by a factor of 0.6; and
the large open diamonds are pre-deformed for crystals
to introduce dislocations. The latter are probably more
representative of structural alloys, particularly near
trigger particles. The lighter short dashed line is the
trend reported for single crystal Fe-3%Si [27]. The single
crystal Fe-3%Si data also indicate that Kyieo(7) in-
creases with temperature at a rate equal to about that of
the deformed tungsten crystals, somewhat in excess of
the fitted K,-(7) found in this work.

In summary, the temperature dependence of the
empirical ¢*(7) derived in this work is reasonably con-
sistent with a limited body of independent data, sup-
porting the hypothesis that K., increases in the regime
where the Peierls contribution to ¢,(7) is not significant.
An important corollary is that there is no abrupt in-
trinsic ductile-to-brittle transition in bcc crystals and
that the cleavage micromode of fracture may persist up
to high temperatures, However, if o, is low, the mac-
roscopic toughness will be high in this regime.

While space does not permit a detailed discussion, it
is noted that the model presented here also provides
guidance to alloy design and insight into embrittlement
mechanisms. Alloys which minimize the size and volume
fraction of trigger particles have a double benefit of
lower T, and ATy,. The relationship between ATy and
Agy can be quantified by the model shown in Fig. 4(b).
Further, service conditions that result in embrittlement
due to solute segregation, or coarse-scale microstruc-
tural instabilities (higher temperatures), can be modeled
in terms of the corresponding effects on ¢*—A4*. Finally,
we believe that there are no unambiguous results re-
garding the potential role of helium on fast fracture.
Several experimental data sets suggest that high helium
levels may modestly increase ATy, above levels associ-
ated with irradiation hardening alone. However, if real,
any non-hardening effect of helium should be reflected in
a lower ¢* and a higher than normal ATy /Ac, ratio.
Such differences have not been reported. Resolution of
the ‘helium question’ will require carefully designed
single variable experiments and a comprehensive dat-
abase which will allow mechanism-based interpretation

of the mechanical test data. Finally, the ultimate aim is
to include treatment of fracture toughness in a set of
hierarchical, multi-scale models to design improved al-
loys and predict in-service microstructural evolution and
consequential property changes.

5. Summary and conclusions

An MC-AT method has been proposed as an engi-
neering expedient to enable the use of small specimens in
predicting the effects on fast fracture of structural ge-
ometry, irradiation and loading rates. However, there
are a number of fundamental issues related to the MC
that remain to be resolved. Thus, a new model of frac-
ture toughness in the cleavage transition regime has been
proposed. The model combines analytical representa-
tions of FEA simulations of crack-tip stress—strain fields
with a local critical stress-critical stressed area (o*—A*)
criterion for cleavage initiation. While this model is
clearly a surrogate for more complex underlying physics,
it has been very successful in predicting the shape of
K;.(T) curves at low temperatures and treating the effects
of geometry and loading rate, as well as irradiation in-
duced Charpy transition temperature shifts. However,
the standard constant ¢*~A4* model predicts significant
reductions in the slope of Kj.(7) curves following large
irradiation-induced Agy. Such shape changes have not
been observed. This inconsistency is resolved by incor-
porating a modest temperature dependence of ¢* in re-
gimes where the lattice friction stress is minimal. The
fitted ¢*(T) is broadly consistent with an independent
body of data in the literature. The model also suggests
improved methods of alloy design and a systematic mi-
crostructurally based approach to evaluating potential
embrittlement processes associated with irradiation
hardening, coarse-scale microstructural instabilities and
high helium concentrations.
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